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Abstract
This paper describes research on the stress-corrosion crack growth (SCCG) behavior of a new series
of bioactive glasses designed to fabricate coatings on Ti and Co-Cr-based implant alloys. These
glasses should provide improved implant fixation between implant and exhibit good mechanical
stability in vivo. It is then important to develop an understanding of the mechanisms that control
environmentally-assisted crack growth in this new family of glasses and its effect on their reliability.
Several compositions have been tested in both static and cyclic loading in simulated body fluid. These
show only small dependences of stress-corrosion crack growth behavior on the composition.
Traditional SCCG mechanisms for silicate glasses appear to be operative for the new bioactive glasses
studied here. At higher velocities, hydrodynamic effects reduce growth rates under conditions that
would rarely pertain for small natural flaws in devices.

Introduction
Bioactive glasses are a class of glasses that will react with the human physiological
environment to form hydroxycarbonate apatite (HCA) on their surfaces; salient mechanisms
are reviewed in ref. [1]. Because HCA has a similar structure to biological apatites, the body
recognizes the modified surface to be bone-like and as such will deposit bone, and in some
cases soft collagen-based tissue. This bioactive nature, combined with the relative ease in which
glasses can be processed, suggests that these glasses could be excellent materials for biological
implants. Unfortunately, glass generally has poor mechanical strength and low toughness (< 1
MPa√m) when compared to typical metallic implant alloys, such as Ti-6Al-4V which has a
strength of ∼800 MPa and a toughness of >25 MPa√m. In addition, glasses are subject to
environmentally-assisted crack growth [2-8] where the principal mechanism is severing of the
Si-O bond in the glass network by aqueous attack. Formation of thick hydroxylated layers
[9], actual dissolution of the glass [10], or especially leaching of more soluble components,
such as alkalis [11], may also be involved, particularly at low crack velocities. Although this
further limits their structural integrity, one promising load-bearing application for these glasses
may be as coatings to promote implant/tissue bonding.

A new series of glasses in the family Na-K-Ca-Mg-P-Si-O (Table 1) have been prepared that
show bioactivity to differing degrees either in vitro [12-17], or, in the case of 6P55, in vivo
using rat models [18]. Glasses with silica contents larger than ∼ 60 wt% (e.g., 6P61) are not
bioactive, but they are biocompatible [19,20]. The compositions of the glasses are related to
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that of the original Bioglass® developed by Hench [1] but with silica contents ranging between
46 and 69 mol% and MgO and K2O partially substituted for CaO and Na2O. These substitutions
are designed to manipulate the thermal expansion (in the range of 8.8 to 15.1 × 10-6 °C-1)
[19] such that the glasses can be used to fabricate coatings on Ti and Co-Cr based implant
alloys without generating large thermal stresses. In addition the softening points are lower than
700 °C [19] and enameling of Ti-based alloys can be carried out below the α–>β transformation
of Ti (955-1010°C). It is considered that these glass coatings would provide improved fixation
between metallic implants and biological tissue. An added benefit of the range of properties
that these glasses exhibit is that a hydroxyapatite (HA) second phase can be added in order to
tailor the level of bioactivity desired in the final coating [21]. In fact, many of these glasses
have already been successfully deposited on implant alloys as single/multilayer films and as
glass/HA composite coatings while maintaining satisfactory coating bioactivity [12,14,19,
21,22]. In addition, the precipitation times of HCA “in vitro” on the surface of these glasses
can vary enormously (from hours to weeks) depending on their composition [19,20]. This
system provides a unique opportunity to asses systematically the effect of the bioactivity (in
particular the precipitation of second phases in simulated body fluid) on the stress-corrosion
crack growth behavior and compare it with predictions from established models that focus on
the break-up of the Si-O bond.

Both glasses and glass/metal interfaces[23] are subject to environmentally-assisted crack
growth. The subcritical crack growth behavior of these glasses and their interfaces with Ti-
based and CoCr-based implant alloys has to be characterized to assure long-term mechanical
stability of the implant in the body. We report here the stress-corrosion crack growth (SCCG)
behavior of these bulk glasses under static and cyclic loading. These studies form part of a
comprehensive analysis of the glasses and coatings fracture, wear and fatigue behavior
[15-17,24-26]. The final goal is to gather the basic information needed to develop lifetime
prediction analysis of specific devices that will allow the design of coatings with optimum
mechanical stability for a given application.

Materials and Methods
The glasses were prepared by melting powders of 99.9% silica powder and reagent grade
NaPO3, Na2CO3, K2CO3, CaCO3, and MgO mixed in either an isopropyl or ethyl alcohol
suspension using a high speed stirrer. The dried mixtures were melted in a Pt crucible at 1400°
C for 4 hr and cast in a graphite mold to make 10 × 40 × 50 mm plates [12,14]. These plates
were then machined into beams having dimensions of width, B = 5 ± 0.5 mm, height, 2h = 8
± 0.04 mm, and length, L = 50 ± 5 mm. The stress-corrosion crack-growth properties of the
bioactive glasses were measured using the double-cantilever beam (DCB) specimen, shown in
Fig. 1. To prevent crack deflection from fracturing the arms of the DCB, the beams were side-
grooved (300 µm wide) along the length of the beam centerline leaving approximately 1/3 the
thickness of the beam intact. The beams were annealed at 500°C for 1 hr to relieve any residual
stresses due to machining.

All specimens were precracked in air (crack initiation being facilitated by the use of a sawn
chevron notch) and then tested in a flowing simulated body fluid [20,27] (SBF; ∼0.5 l/min, pH
7.25) at 37°C (Table 2). Stress-corrosion crack-growth tests were carried out using a series of
fixed applied loads that consisted of weights on a graphite hanger suspended from Macor®
glass ceramic loading tabs bonded to the specimen; with the use of graphite pins in the loading
tabs, the system was suitable for testing in the SBF. Crack lengths were monitored using both
direct optical measurement and crack-mouth opening compliance. Crack-mouth opening was
measured using an induction based displacement gauge manufactured by Kaman Instruments
Co. (Colorado Springs, CO), (calibrated to operate in SBF) and specimen compliance was used
to determine crack lengths with the following equation:
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EBu
P = g ( a

h ) , (1)

where E is the elastic modulus of the glass, B the beam width, u the mouth opening
displacement, P the load, and g(a/h) is the calibration function relating crack length, a, and
beam half height, h, to the compliance of the specimen.

Crack-growth rates and applied stress intensities were determined from the crack length versus
time data by averaging over crack extensions of ∼1 mm. Linear fits of the crack length vs. time
data were used to determine crack-growth rates. The applied stress intensity, K, was calculated
using the DCB solution [28]:

K = P
B

12a

h 2 f ( a
h ) B

Bn
, (2)

where f(a/h) is the geometry dependent function for the DCB, and Bn is the crack front width
remaining after side-grooving. Crack lengths could be measured easily to within an accuracy
of ±250 µm which bounds the error in the stress intensity calculation to ±0.005 MPa√m, which
is not a significant source of uncertainty. Based upon measured multiple data sets, the
variability in the crack-growth rate curves from specimen to specimen, as well as the relatively
weak dependence of the applied stress intensity on the crack length, implies that the accuracy
of the crack-length measurements is not a significant source of uncertainty for determining
K. Stress intensities corresponding to each growth rate were determined by simply averaging
over the fitting interval. The data were then converted to strain energy release rate,
G ( J /m2 ), via the relation:

G = K 2/ E ′ , (3)

where E′ is the plane-strain elastic modulus, E/(1-v2), and v is Poisson's ratio. The modulus
and Poisson's ratio of f-silica are 72.4 GPa and 0.16, respectively. These values have yet to be
fully characterized for the new bioactive glasses. However, initial measurements indicate that
elastic parameters of soda-lime glass can be assumed to pertain, i.e., E = 70 GPa and v = 0.22
[15,17].

Limited additional testing of similar specimens was done under applied cyclic loading to assess
possible fatigue effects in an SBF environment. These tests were conducted on a computer-
controlled, servo-hydraulic machine (Model 810, MTS Corporation, Minneapolis, MN) with
a sinusoidal load cycle and R = 0.1, where R is the ratio of the minimum to maximum applied
load in the cycle, at a frequency of f = 5 Hz. Crack lengths were continuously monitored in
situ using unloading compliance as determined from the displacement gauge. Fatigue-crack
growth rate curves were acquired under a decreasing K load-shedding scheme in accordance
with ASTM E-647 [29]; the rate of change in stress intensity (= dlnK/da) was limited to 0.08
mm-1. Experience indicated that crack lengths could be determined to ±25 µm; the accuracy
exceeds that for static loading because data could be averaged over many unloading cycles and
by virtue of evaluating the slope of the displacement gauge output, drift in the zero is
unimportant.

Results
Figure 2 shows the average crack-growth rate vs. average strain energy release rate and average
stress intensity ( v − G curve, and, equivalently, v − K ) for the glass compositions listed in
Table 1. For those compositions with more than one sample tested, data were averaged by: i)
merging all data for that composition, ii) separating the data into 0.2 MPa√m intervals, iii)
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averaging the v and K data for each interval, iv) calculating a standard deviation for each
interval, v) and then converting the K data to G using Eq. 3. The ordinate and abscissa error
bars on the data points represent one standard deviation for each averaged block of data. Lines
have been drawn through the data for the 6P44 and the 6P61 glasses (Fig. 2), which represent
the extremes in the new glass compositions; it can be seen that the differences in v − G behavior
for the various compositions seem to vanish and, possibly excepting those for fused SiO2, with
the data seem to be converging at the lower velocities measured (such that individual data
points are obscured).

Although the majority of the crack-velocity data shown (Fig. 2) were taken with a compliance
gauge, optical measurements were included over most of the velocity range probed for most
compositions. No systematic differences were evident, except that the highest velocities cannot
be measured optically. For the more reactive compositions, the glass surfaces become clouded
early in the tests which eventually precluded optical measurements. Inspection of individual
v − G curves reveals occasional erratic behavior. This is believed to primarily result because
the crack sometimes deflects off of the centerline; it can then become constrained as it
approaches the edge of the side-groove and accelerate upon straightening out. The DCB
geometry is known to be sensitive to this instability, which is the reason for the commonly
used side groove. However, in the present situation the sample arm heights, h, and aspect ratios,
h/B, were much smaller than are often used, e.g., by Wiederhorn in refs. [7,8,30], and side-
grooves were proportionally deeper. This geometrical configuration was selected in order to
permit sensitive compliance measurements to be accessible over a wide range of crack velocity,
but it does seem to increase the tendency of the crack to wander off axis. The errors in crack
velocity and the sample-to-sample scatter are largely attributed to this instability, although
friction at the graphite pin, which would cause errors in K is greater than would obtain in a
non-corrosive fluid or vapor. Nonetheless, this geometry is useful for these reactive glasses
and would be useful for testing composite or interfacial samples for which optical
measurements are impossible.

It was found that all compositions of the new bioactive glasses had similar SCCG properties
to those of the original Bioglass® 45S5 composition [31] and the “parent” soda-lime glass
[30], the soda-lime glass data were taken in water at 25°C and not in SBF at 37°C. In fact, all
compositions tested show similar crack-growth rate response with only small differences in
trends of the growth rates at a given driving force for the differing glass compositions.

Cyclic crack-growth rate data for 6P61 glass are presented in Fig. 3 as a function of the
maximum applied stress-intensity factor, Gmax and equivalently Kmax, where the SCCG
properties are included for comparison. As expected, the crack-growth rates for the cyclic
loading are lower for a given applied Kmax.

Discussion
The v − G curves have the typical form of SCCG data taken in aqueous environments: a stress-
dependent region below ∼10-3 m/s and a “plateau” region above ∼10-3 m/s [32-34]. The stress-
dependent region has been described as a reaction-rate limited bond rupture at the crack tip
[8], involving dissociative chemisorption to form hydroxylated surface bonds [33-36], or
perhaps even dissolution [4,10], whereas, the plateau region may be attributed to crack-tip
shielding [32-34] from hydrodynamic traction forces acting on the crack flanks as the crack
walls separate during failure.

Despite the compositional similarity to typical silicate-based glasses (e.g., soda-lime-silica
glass), it might be expected that, due to the reactivity of the bioactive glasses with the SBF,
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there would be some compositional or bioactivity dependence of the SCCG behavior (Fig. 4)
[20,37,38]. Expected responses may include:

• HCA may grow on the crack flanks and “bridge” or “heal” the crack at low crack
velocities

• stress-enhanced dissolution of the glass at the crack tip (since bioactive glasses have
weak solubility in SBF)

• preferential leaching of mobile components at the crack tip with subsequent increase
of the local pH [39]

• HCA could grow on the crack flanks and wedge the crack open
• the glass network might experience a higher degree of chemical attack due to the

active ionic species in the SBF.

The first phenomenon should cause slower crack growth relative to soda-lime glass,
particularly in the near-threshold regime. The second could cause accelerated crack growth
compared to that of soda-lime glass in water if the bioactive glasses are more corrosion-
sensitive to SBF; in contrast, however, if this dissolution were rapid, crack growth could be
decelerated relative to soda-lime glass due to resultant crack-tip blunting. The fourth possible
response would only arise due to unloading, but in service could lead to higher average stresses
on the crack tip and shorter service lifetimes. If the ionic species in the SBF play a role in glass
dissolution, the last point suggests that there should be accelerated crack growth in the bioactive
glasses at all crack velocities.

The data, however, suggest that the responses of the bioactive and non-bioactive (e.g., 6P61)
glasses in SBF are similar to that of soda-lime glass tested in water. Therefore, it appears that
the bioactivity (that can promote modifications of the surface state or the precipitation of second
phases [20]) does not significantly impact the SCCG behavior of the bioactive glasses over the
velocity range tested to date, and that the typical mechanisms of SCCG in silicates [2-8] are
applicable to this class of glasses as well. This is depicted in Fig. 5, in which the driving force,
G, required to cause crack velocities of 10-5 m/s are plotted against the thermal expansion
coefficient (CTE) of the glass. The CTE increases with decreasing SiO2 content, and also with
a higher ratio of alkali to alkaline oxides in the glass (see Table 1). The bioactivity of this set
of glasses also tends to increase with this same ranking. Apparently, the fracture resistance for
this velocity tends to decrease mildly with increases reactivity. It is also evident that glasses
can be tailored to match the CTE of the commonly used alloys for dental restorations or bone
replacement implants.

This behavior is next considered briefly in terms of distinct mechanisms of crack growth,
i.e., in the reaction limited (I), hydrostatically limited (II), and threshold regions of the v − G
behavior.

Region I
The strongly stress-dependent region of the SCCG curves has been classically described in
terms of a stress-assisted chemical reaction theory[2-4,7,8,30,33,34,40-42]. Such data often fit
the phenomenological relation v = CKm over wide ranges of crack velocities remarkably well
[43]. For each of the present samples, data with velocities less than 5 × 10-3 m/s were fit to this
empirical relation and the parameters are tabulated (Table 3). The simple parameters from
alternative fits to the relations discussed below are also in Table 3; they fit less well, taking
parameters as constants, but have mechanistic interpretations.

Attempts to describe the behavior in terms of equations based upon stress and chemically-
driven bond rupture at the crack tip do not lead to analytical but general relationships in terms
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of a few parameters [44,45]. However, several simple approximate relations have often been
invoked. One characterizing equation derived to describe the stress-dependent crack growth
regime is:

v = voe

−ΔE+bKI
RT (4)

where v is the crack velocity, R the gas constant, T the absolute temperature, ΔE the activation
free energy for the corrosion chemical reaction, and b is a constant extracted from the slope of
the ln(v) − K  curve. The activation volume, ΔV*, can be related to the slope of the ln(v) − K
curve via the relation [33,34]:

Δ V ∗ = b
2 πρ , (5)

where ρ is the radius of curvature of the crack tip, typically assumed to be 0.5 nm, i.e., the
network spacing of glass. As can be intuitively assumed, a lower activation volume implies a
smaller volume change between the reactants and the activated complex, which in turn implies
higher susceptibility to the corrosion reaction and faster crack-growth rates. Table 3 shows the
calculated ΔV* for the new bioactive/biocompatible glasses. The values range from 2.6-3.8
Å3 and compare very well, within the scatter of the data, to 3.8 Å3 reported for soda-lime glass
[33,34]. The values are somewhat smaller for the more reactive glasses especially as compared
to that for pure SiO2, which is 5.6 Å3. A value of 3.3 Å3 was computed theoretically for the
hydrolysis of a bond in fused SiO2 [36]. This implies that in region I, these bioactive glasses
do not show any significant corrosion mechanisms beyond that of water attack of the silica
network, the primary stress-corrosion mechanism for traditional silicate glasses.

Alternatively the v − G curves can be described using a relationship that follows directly for a
situation where a crack is extending by chemical adsorption enhanced bond rupture on a well
defined plane [46-48]:

v = vo sinh
− Δ E + A ∗ (G − Gth)

RT , (6a)

v ≈ voe

−ΔE+A∗G
RT . (6b)

The activation area, A(G) ∗ , describes the incremental area swept by the crack during a
thermally activated event, and this area multiplied by the net driving force effectively reduces
the activation barrier, ΔE. In principle, A* (and also ΔV*) should depend on driving force,
decreasing as G increases. However if true, then the activation barrier also depends upon the
net driving force, Δ E(G), because the crack front moves up the barrier statically as
(G − 2γs ) increases and thereby reduces the remaining barrier to be overcome by thermal
activation and the area associated with it A*. If the mechanism depends upon thermally
activated bond rupture at a site such as a kink on the crack front which could move reversibly
forward or backward depending upon whether the driving force were just above or below the
threshold value, Gth, then a well-defined threshold for crack growth could be expected, as is
expressed in Eq. (6a) [46,47,49-52]. However, invoking Eq. (6a) means crack healing is also
implied to occur by similar processes with similar kinetics for G < Gth = 2γs , where γs

corresponds to the surface energy in the local environment, although in reality the desorption
and healing kinetics may be comparatively much slower than adsorption and growth kinetics.
Indeed data exist for glass [53,54] and for mica [50,51,55,56] showing that healed cracks are
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less tough upon reloading from which it is implied that some water remains trapped after crack
closure. In such instances, Eq. (6b) should be considered to be more appropriate, and any
apparent threshold like behavior would arise from an increase in A*, or from a more profound
change in the crack extension mechanism or crack geometry. In the event of a variable A*, but
with essentially a single type of activated barrier controlling extension, the slope of the crack-
growth curve follows from Eq. (6b), assuming vo is independent of driving force as:

dlnv
dG

= ( A ∗
kT ) + d Δ E

dG
+

(G − 2γs)

kT ( dA ∗
dG ) = ( A ∗

kT ) . (7)

It can be shown that the second and third terms are equal and opposite leading to the simple
relation between slope and A*.

The average values of A*, also given in Table 3 for the new bioactive/biocompatible glasses,
obtained from the average slope using all data in region I, range from 0.9-1.6 Å2. These values
are slightly lower than that measured for fused silica, at 1.9 Å2, as might be expected due the
higher connectivity of the glass network in fused silica. The values of A* tend to decrease with
increasing CTE (Fig. 6a), consistent with the somewhat higher crack-growth rates found for
the more reactive glasses in region I (Fig. 2). Similar values of A* ∼ 1 Å2 have been reported
for soda-lime glass [51].

The activation areas, A*, directly obtained from the slope of the lnv − G curves via Eq. (8) are
also plotted versus driving force G in Fig. 6b; they show a notable inverse dependence upon
driving force. The present data fit Eq. (4) well over a wide range of v − K , especially when
results of several tests are averaged for a given glass. Thus, it follows that A ∗ = mkT/2G.
Such values determined using the average n (Table 3) are plotted as lines for several glasses
over range of the v − G where the data fit the empirical relation without systematic deviation.
The resulting values of A* are ∼3 Å2 at the lowest values of G where the relation is applicable
and decrease to about 1/3 to 1/4 of this value when G reaches a value just where hydrodynamic
drag becomes appreciable (see next section). For comparison, these initial levels are much less
than the average cross-sectional area per atom (ΩSi

2/3 ∼ 12.8 Å2 in fused SiO2) but more than
half the area per bond 5.1+ Å2 (based on CN =4 for Si) at low G and decrease markedly over
the range of applicability to a small fraction of the bond area. These levels seem reasonable
for describing the mechanically-assisted rupture of atomic bonds, although in reality there must
be some distribution of barrier strengths. Moreover, for a few samples, especially 6P44 and
6P53c, the data suggest an approach to threshold-like behavior based upon the velocities at
low K lying below the straight line on the logv − logK  plots, as is also evident at lower
velocities in reported data on soda-lime glasses [42,43] (Fig. 7). For these situations, the actual
values of A* measured from the local slopes on the lnv − G curves also exhibit a further sharper
rise in A* at low G, signaling a change in mechanism or barrier type or even an approach to
threshold like behavior.

Region II
The transition from the highly stress-dependent to the stress-insensitive plateau region is
attributed to shielding of the crack tip from the far-field applied driving force by the
development of hydrodynamic surface tractions in the crack wake [33]. This is a result of the
viscous behavior of water (or, in this case SBF) at the high shearing rates that develop as the
crack walls separate during failure. This hydrostatic closure force increases with crack velocity,
and at high velocities, the viscous dissipation accounts for the vast majority of the resistance
to fracture. The associated reduction in stress intensity can be described using a weight-function
analysis and assuming a capillary traction force to describe the hydrodynamic effects. The
shielding stress intensity can be calculated using the following equation [33]:
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Kshield = 8.76vη E ′
2KI

2 πc , (8)

where η is the viscosity of the SBF (assumed to be 0.692 mPa·s, i.e., that of water at 37 °C),
KI is the applied stress intensity, v is the predicted velocity based on a power-law fit of the
stress-dependent region, and c is the length behind the crack tip over which the hydrostatic
traction operates (taken as the length from the crack tip to the notch tip). This stress intensity
is then combined with the measured stress-intensity factor, Kmeas, to obtain the near-plateau
prediction:

v = C(Kmeas − Kshield)m , (9)

where C and m are obtained by a best fit regression of the stress-dependent growth-rate region
(below the plateau) to the equation v = CKm.

Figure 8 shows examples of predicted velocities for select glasses spanning the full range of
compositions. It can be seen that the hydrodynamic shielding appears to well describe the
stress-independent region of the v − G curve. The effect of hydrodynamic drag becomes
discernible above v ∼ 3 × 10−3m/s and the plateau behavior appears to be largely
independent of the glass composition as would be expected with the dissipation predominantly
arising from the viscous drag in the water and the crack speeds beings so high that little
corrosion would occur on the back faces of the crack.

Threshold behavior
The parent soda-lime glass has been shown to exhibit sharply decreasing crack rates in the
v − G curve, at what appears to be a threshold driving force; this becomes apparent below
v ∼ 10−8m/s at room temperature and is clear at higher velocities at higher temperatures
[30]. Similar behavior is suggested by the available data for the bioactive glasses tested here
(Figs. 2 and 7). Theoretical analyses have indicated that both crack-tip blunting [10,40] or even
crack healing [54,57] could be operative at these low growth rates. Blunting would lead to non-
unique v − G behavior near the threshold. Such behavior has been observed, in which holding
the crack at G < Gth leads to strongly retarded growth rates with G > Gth for some glasses [9,
57,58]. This was argued to be a reflection of leaching rather than blunting by Gehrke et al.
[11]. Atomic-force microscopy measurements of the fracture surfaces yields evidence in
support of a blunting phenomena [58], as favored by Michalske [6,54,57]. While the current
data sets do not capture enough of this portion of the SCCG curve for conclusions to be drawn,
it is likely that some or all of these mechanisms are operative in the more highly reactive glasses
studied here. Indeed it appears that the crack-growth behavior is converging for the various
glasses at the lowest velocities measured, suggesting the more reactive glasses exhibit the onset
of threshold-like behavior at higher velocities.

It is potentially important that Gehrke et al. [11] observed a divergence in behavior for slightly
more reactive glasses or more acidic liquids; in certain cases no well-defined threshold existed,
but instead persistent growth occurred even under very low loads. This was attributed to
leaching of alkali species leading to a highly-stressed region which could spontaneously crack
[11]. No evidence of such behavior was seen for the glasses tested here. As this or conventional
threshold behavior is most important for controlling the lifetime of devices, the behavior at
low driving force and low crack velocities warrants further study.
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Cyclic fatigue behavior
It is well known that unlike metals, glasses do not have a distinct fatigue mechanism by which
crack growth occurs under applied cyclic loading without environmental effects [59-63].
Rather, crack growth proceeds by the SCCG mechanism appropriate for the instantaneously
applied loadings experienced at the crack tip. Interestingly, in fluid aqueous environments, the
additional effect of hydrodynamic drag can shield the crack tip from the far-field applied
loading. This shielding effect depends upon the viscosity of the fluid environment, the
frequency of the applied loading and the test geometry. Quantitative theoretical descriptions
are not readily available. Nonetheless, an estimate of the shielding effect may be obtained by
comparing the measured fatigue-crack growth rates to those predicted by two bounding
alternatives. First, by simply integrating the SCCG data over the applied loading cycle,
following Evans and Fuller [59], gives:

da
dN = C 1/ f

f ∫
0

K(t)n × dt . (10)

These predictions, assuming no drag effects, are shown in Fig. 3 where it can be seen that the
measured fatigue-crack growth rates are well below those predicted directly from the SCCG
data assuming that the crack tip experiences the entire applied driving force cycle. From these
predictions, it is clear that hydrodynamic effects are operative in this geometry under the test
conditions (e.g., frequency and temperature) used here.

An alternative estimate of the actual crack-tip stress intensity cycle, Ktip(t), with the hydrostatic
drag [62] may be made following the methodology outlined in Yi et al. [63]. Here we estimate
Ktip(t) by considering a parabolic displacement profile for the crack flank as:

u(x) = Ktip
4

E ′
2a
π (1 − x

a ) , (11)

where x is the distance from the initial notch tip to the current crack tip, a is the crack length
and E′ is the elastic modulus. Considering a two-dimensional pressure distribution on the flank
of the crack yields the following differential equation:

λK̇ tip = − Ktip
4 + Ktip

3 K (t) , (12)

where K(t) is the (time-dependent) applied loading and λ is a function of the crack length,
elastic modulus, fluid viscosity, η, and loading frequency, as given in ref. [63]. Results of such
calculations, for crack lengths typical of those in the present study, are presented in Fig. 9
where it is clear that Ktip(t) is constant and equal to the mean applied loading, Km, for the test
frequencies used, i.e., 10 Hz. A solution for Eq. 9, with Ktip(t)=Km which describes this limit,
is also plotted in Fig. 3 where it can be seen that the calculated rates now markedly underpredict
the measured fatigue-crack growth data. However, at the lower driving forces and crack
velocities, the data approach the limit with no hydrostatic drag, and at the highest velocities
the results increasing reflect the drag effects, and should approach the drag-controlled limit.
This lack of exact correspondence may reflect the presence of cavitation at the crack tip [63]
which would tend to shift the computed results more toward the cyclic data by reducing the
shielding effect of the hydrodynamic forces.

Small crack behavior
The crack-growth behavior here shows that both the static SCCG rates at higher velocities and
the growth rates under cyclic loading are limited by hydrostatic forces developed in the fluid
that causes shielding forces on the crack tip. For natural flaws that would be found in actual
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biological environments, these drags forces would be smaller owing to the smaller flaw sizes.
It can then be expected that the plateau levels of crack growth would be exhibited at much
higher velocities than those in Fig. 2. For cyclic loading, the transition between fully relaxed
viscous forces, and no effective cycling at the tip depends upon crack length and frequency.
Figure 9 also shows computed results of the effective range of ΔK at the crack tip as a function
of crack length for 10 Hz cycling rates. It can be seen that for crack lengths less than 10 μm,
the Ktip(t) would virtually follow the applied values up to much higher load and crack velocities
and the velocities would approach the higher of the two calculated curves in Fig.3. This is
especially true for the lower frequencies that would typify most biological loading patterns.

Conclusions
Based on a study of the stress-corrosion crack growth (SCCG) behavior in 37°C simulated
body fluid of a series of new bioactive glasses, with compositions listed in Table 1, it can be
concluded that:

1. The aqueous attack of the Si-O network of the glass appears to be the dominant
mechanism of SCCG in these bioactive/biocompatible glasses.

2. Based upon the current data sets, there is a weak but measurable increase in crack-
growth rates with increasing bioactivity on the SCCG behavior of the glasses tested
in region I, where crack-growth rates are largely controlled by the chemical reactivity.

3. At higher velocities where hydrodynamic drag limits the crack-growth rates, a simple
correction describes the trends, which appear to be independent of glass composition.

4. Some evidence of a reduction of projected crack-growth rates indicative of the onset
of a transition to threshold-like behavior at lower driving forces was found for the
most reactive (bioactive) glasses. As this was not seen for the less reactive glasses,
the data tended to converge for the various glasses. These observations require further
study, as the behavior at low velocity is important for predicting lifetimes.

5. Crack growth under cyclic fatigue loading was found to be much slower than predicted
from simply integrating the expected SCCG velocities assuming that the crack tip
experienced the same loading as that applied to the crack. This was found to results
from hydrodynamic drag which limits the extent of cycling actually experienced by
the crack tip. Such hydrodynamic effects would be smaller for small natural flaws.
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Figure 1.
The DCB geometry used for crack-growth study. Dimensions were thickness, B, of 5 ± 0.5
mm, height, 2h, of 8 ± 0.04 mm, and length, L, of 50 ± 5 mm.

Bloyer et al. Page 14

Biomaterials. Author manuscript; available in PMC 2008 November 1.

N
IH

-PA Author M
anuscript

N
IH

-PA Author M
anuscript

N
IH

-PA Author M
anuscript



Figure 2.
The average SCCG data for glasses in Table 1 (n designates the number of samples in each
population if greater than one). The gray band describes data for Bioglass® 45S5 taken from
ref. [31], and solid line describes data for soda-lime glass taken from ref. [32]. All data except
for soda-lime glass were taken in SBF at 37°C.
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Figure 3.
Crack-growth rates measured under cyclic loading for 6P61 glass are compared with
predictions of growth rates under fatigue loading based on data from static crack-growth rates
computed for two cases: i) no hydrodynamic forces acting at crack flanks, ii) the crack tip at
the mean load throughout the applied loading cycle. These results show that for no shielding,
the predictions overestimate cyclic crack-growth rates while with high shielding the cyclic
growth rates are underpredicted.
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Figure 4.
The mechanisms of reaction of the Si-Na-K-Ca-Mg-P-O glasses with SBF are consistent with
those described by Hench for Bioglass® [20,37,38]. The steps involved are: the exchange of
Na+ and K+ from the glass with H+ or H3O+ from solution, accompanied by the loss of soluble
silica into the solution and the formation of silanols on the glass surface; condensation and
repolymerization of a SiO2-rich layer on the surface; migration of Ca2+ and PO3-

4 through the
silica-rich layer forming a CaO-P2O5-rich film that incorporates calcium and phosphates from
solution; finally, the crystallization of the amorphous calcium phosphate film to form an apatite
layer. De Aza et al. [39] have pointed out that the increase in pH on the glass surface due to
the ionic exchange between the labile cations Na+, K+, Ca+ etc., is necessary for the partial
dissolution of the silica-rich layer and the subsequent apatite precipitation.
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Figure 5.
Range of strain energy release rates observed at a crack-growth velocity of 10-5 m/s plotted
against thermal expansion coefficient (CTE) of the glass. The glass thermal expansion range
covers the entire range between Ti-based to Co-Cr-based alloys.
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Figure 6.
(a) Plot showing a decline of activation area for crack growth versus CTE of the glass, indicating
indirectly that the parameter A* decreases with increasing reactivity of the glass caused by
higher alkali and alkaline earth oxide contents. (b) Dependence of the activation area with G,
according to the data shown in Fig. 2. The lines are theoretical boundaries
( A ∗ = mkT/2G) taking m from the fittings summarized in Table 2.
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Figure 7.
Logarithmic v − K  curve showing deviation from the straight line at the slower speeds for
highly reactive glasses.
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Figure 8.
Sample predictions of v − G curves for the stress-independent regime of crack growth using
Eqs. 7 and 8.
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Figure 9.
Computed values of normalized crack-tip stress-intensity range vs. frequency of applied
loading and vs. crack length for an applied ΔK = 0.5 MPa√m.
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