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Recent experiments have demonstrated that plastic strains in
nanocrystalline aluminum and gold films with grain sizes on the
order of 50 nm are partially recoverable. To reveal the mecha-
nisms behind such strain recovery, we perform large scale
molecular dynamics simulations of plastic deformation in nano-
crystalline aluminum with mean grain sizes of 10, 20, and 30 nm.
Our results indicate that the inhomogeneous deformation in a
polycrystalline environment results in significant residual
stresses in the nanocrystals. Upon unloading, these internal
residual stresses cause strain recovery via competitive deforma-
tion mechanisms including dislocation reverse motion/annihila-
tion and grain-boundary sliding/diffusion. By tracking the evo-
lution of each individual deformation mechanism during strain
recovery, we quantify the fractional contributions by grain-
boundary and dislocation deformation mechanisms to the over-
all recovered strain. Our analysis shows that, even under strain
rates as high as those in molecular dynamics simulations, grain-
boundary-mediated processes play important roles in the de-
formation of nanocrystalline aluminum.

grain-boundary diffusion � grain-boundary sliding �
molecular dynamics simulation

Despite a number of controversial viewpoints about defor-
mation mechanisms in nanocrystalline (nc) materials, it is

increasingly recognized that plastic deformation mediated by
grain boundaries (GBs) should play a crucial role in truly nc
materials (1–7). To ensure geometrical compatibility, GB sliding
or GB diffusion cannot occur alone in a polycrystalline material
in the absence of some other deformation mechanisms (8–14).
In other words, a coupling of no less than two deformation
mechanisms is necessary, among possibilities such as GB sliding,
GB diffusion, dislocation glide, intragranular dislocation climb,
and elastic deformation in grains. The overall deformation
behavior of nc materials can be attributed to two or more of these
competing deformation mechanisms, the details of which could
be influenced by both microstructures and testing conditions,
such as strain rates and temperatures.

Recent experimental studies on deformation in freestanding
nc fcc aluminum (Al) and gold thin films (15) have shown: (a)
that plastic deformation in these materials is partially recov-
erable; (b) that elevated temperatures expedite the recovery
process; and (c) that longer time results in more recovered
strain. Similar phenomena have also been observed in nc
copper thin film (16, 17), as well as in bulk nc-ultrafine Al with
bimodal grain size distribution under compression (18). So far,
several explanations have been proposed to interpret the
observed strain recovery. One viewpoint (15) is that the plastic
strain recovery is due to pinning of dislocations during loading
and depinning of them during unloading. An alternative
viewpoint is that heterogeneous GB diffusion and sliding can
also account for the recoverable plastic strain (14, 17, 19). The
present work is aimed to clarify some of the controversial

issues by conducting a quantitative analysis of plastic strain
recovery in nc Al at different grain sizes and temperatures via
massively parallel molecular dynamics (MD) simulations. By
tracking the evolutions of individual deformation mechanisms
separately, we intend to identify the mechanisms accounting
for plastic strain recovery and to quantify the fractional
contributions to strain recovery due to GB and dislocation
deformation mechanisms.

Results and Discussion
To mimic the loading-unloading-annealing procedure used in
the experiment (15), we load a sample at 300 K to a total strain
of 9.3%, and unload it to a macroscopically stress-free state. The
sample is subsequently allowed to undergo free structural re-
laxation at a fixed annealing temperature. After unloading, the
sample reaches zero ‘‘macroscopic stress,’’ but may have high
internal residual stresses (local stress). Fig. 1A shows the atomic
configuration* of a nc sample with mean grain size d � 20 nm
after unloading. Plenty of dislocation debris and stacking faults
can be observed in this snapshot. The same unloaded sample is
then ‘‘annealed’’ at three different temperatures of 300, 500, and
700 K. By measuring the change of the sample size in the loading
direction, we found that the annealing process results in strain
recovery by 1.26%, 1.41%, and 1.55% at 300, 500, and 700 K,
respectively. Corresponding atomic configurations after ‘‘an-
nealing’’ are shown in Fig. 1 B–D. In contrast to the sample right
after unloading (see Fig. 1 A), there is a dramatic reduction of
dislocations and stacking faults in the sample after ‘‘annealing’’
(see Figs. 1 B–D), which indicates that annihilation of disloca-
tions and stacking faults have contributed to the recovered
plastic strain. In contrast to samples annealed at low tempera-
tures, those annealed at high temperatures exhibit higher va-
cancy concentration and lower dislocation density. Correspond-
ing energy profiles of these configurations can be found in Fig.
S1. For comparison, configurations of samples with grain sizes of
d � 10 nm and 30 nm after unloading and ‘‘annealing’’ are shown
in Fig. S2 and S3, respectively.

Throughout the simulation, we record the stress along the
loading direction (�11) and potential energy as a function of
strain (�11), as shown in Fig. 2 A. The sample is subject to a total
strain of 9.3%. During unloading, about 2.0% of elastic stain is
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reversed; the subsequent ‘‘annealing’’ at 300 K leads to a
recovery of 1.26% plastic strain. After the sample is loaded to
macroscopic yielding, some grains with favorable crystal orien-
tations and sizes start to deform plastically by means of dislo-
cations nucleating at GBs and propagating across grain interiors,
while other grains remain ‘‘elastic’’ without apparent dislocation
activities [see Movies S1–S9]. As illustrated in Fig. 2B, such
heterogeneous deformation gives rise to nonuniform stress
distribution in the sample, especially in GBs and triple junctions.
After we unload the sample to a macroscopically stress-free

state, the nonuniform deformation leaves a distribution of
residual stresses, which is seen in Fig. 2C. During annealing, the
stored elastic strain energy associated with these residual stresses
serves as a driving force for the strain recovery, which can be
implied by the continuous decrease of potential energy after
unloading in Fig. 2 A. Microscopically, thermally assisted dislo-
cation activities and GB deformation may be activated at longer
time scales and/or higher temperatures, leading to the attenua-

Fig. 1. Snapshots of initial and final configurations of an nc Al sample with
a mean grain size d � 20 nm. (A) Initial configuration at 300 K before strain
recovery. (B–D) Final configurations after strain recovery at 300, 500, and 700
K, respectively. Some grains change their shape during annealing. Dynamic
recrystallization is observed at 700 K, as evidenced by the formation of some
small grains such as those labeled by ‘‘a’’ and ‘‘b.’’ (Scale bar, 5 nm.)

Fig. 2. Representative behaviors of plastic deformation in an nc Al sample
with a mean grain size of d � 20 nm at 300 K. (A) Stress-strain curve and
relevant energy evolution. (B–D) Stress contours (�11) at points ‘‘A,’’ ‘‘B,’’ and
‘‘C’’ marked in Fig. 2A, respectively. (Scale bar, 5 nm.)
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tion of residual stresses, as shown in Fig. 2D. Snapshots in Fig.
3 capture in detail the underlying dislocation activities in the
periods of both loading and strain recovery. At the loading stage,
dislocations nucleated at GBs (see Fig. 3A) can traverse whole
grains and reach neighboring GBs (see Fig. 3B). Stacking faults
left behind by partial dislocations may remain in the interior of
a grain and impede the generation or motion of other disloca-
tions. During annealing, we observe retraction of dislocations,
e.g., partial dislocation labeled ‘‘3’’ is completely retracted while
partials ‘‘1’’ and ‘‘4�’’ are still in the process of moving back (see
Fig. 3C). Partial ‘‘1’’ eventually moves back to the GB where it
was nucleated, while partial ‘‘2’’ is still moving backwards (see
Fig. 3D). Such dislocation retraction during ‘‘annealing’’ is
commonly observed in our simulations. Such processes can
reduce dislocation density and lower residual stresses, as shown
in Fig. 2 B–D.

In addition to dislocation activities, GB sliding and diffusion
are also observed in our simulations. The snapshots in Figs. 4
A–B show that GB sliding occurs in one GB inclined to the free
surface of the sample with a mean grain size of d � 30 nm.
During loading, adjacent grains slide over each other, resulting
in displacement jumps across the GB and formation of a surface
step. The offset of this step gradually decreases during ‘‘anneal-
ing,’’ as seen in Fig. 4B. Similar sliding events are also found in
our simulations with different grain sizes (see Movies S1–S9).
These observations confirm that GB sliding is an operative
mechanism for strain recovery even under strain rates as high as
those applied in MD simulations. After the sample undergoes
loading, unloading and ‘‘annealing,’’ the majority of grains retain
their original shapes, suggesting that GB sliding at room tem-
perature (RT) is of the Rachinger type (13), and is accommo-

dated by the motion of dislocations. Indeed, such low temper-
ature GB sliding in nc metals has been reported (1, 4, 22, 23).
During high temperature structural relaxation, the Lifshitz type
(13) of GB sliding, which is accompanied by significant shape
changes in grains and facilitated by GB diffusion through
vacancy flow, should become more important. This can be seen
in Movies S1–S9, where vacancies (surrounded by blue atoms)
migrate and diffuse along GBs during relaxation. Fig. 4 C and D
show that a GB groove forms (a direct consequence of GB
diffusion) on the surface during loading and is subsequently
filled up during annealing. Interestingly, two GBs near the
groove are observed to migrate via vacancy flow and separate
from each other, suggesting significant bulk diffusion. Generally,
both GB diffusion and bulk diffusion involve rather complex
atomistic mechanisms, such as long distance jump of vacancies
(24) and cyclic exchange of atoms (25), which is beyond the scope
of this report. Furthermore, we note that some small grains, such
as those labeled by ‘‘a’’ and ‘‘b’’ in Fig. 1D, emerge at elevated
temperatures. This is a manifestation of dynamic recrystalliza-
tion process (26) associated with collective collaboration of
dislocation activities and GB deformation behaviors.

To quantitatively study the relative contributions of differ-
ent deformation mechanisms to the overall plastic strain
recovery at different temperatures, we calculate the fractional
strains from dislocation activities, GB sliding, and GB diffu-
sion during ‘‘annealing’’ as follows. We identify all dislocations
occurring in the MD simulations by the neighbor analysis and
Burgers circuit technique, and determine the dislocation me-
diated plastic strain as

�̇dis � �
i

l iv i

2V
�si � bi � bi � si� , �dis � �

0

t

�̇disdt , [1]

where li is the length of the i-th dislocation, vi its velocity, si the
unit normal of the slip plane, bi the Burger vector, and V the
volume of the system. Fig. 5A shows the fractional strain �11

dis due
to dislocation motion in the sample with a grain size of d � 10
nm. The strain evolutions at different temperatures suggest the

A

C

B

D

Fig. 3. Successive snapshots of reverse motion of partial dislocations inside
a large gain in the d � 20 nm sample at 300 K. (A) At 0.50 ns, partial dislocations
are nucleated from GBs. (B) At 0.96 ns, partial dislocations glide through the
grain, leaving behind some stacking faults. Dislocations ‘‘4’’ and ‘‘5’’ interact
by emission of partials at the neighboring slip plane, generating a dislocation
‘4�‘‘ and a twin boundary, and twin boundary hinders the further motion of
dislocation ’’1.‘‘ (C) At 1.78 ns, dislocations ’’1‘‘ and ’’4�‘‘ move in reverse, while
partial ’’3‘‘ disappears after complete retraction. (D) At 1.86 ns, partials ’’2‘‘
and ’’4�‘‘ moves backwards, and partial ’’1‘‘ completely disappears. (Scale bar,
5 nm.)

A

C

B

D

Fig. 4. Successive snapshots of a surface step and groove in the d � 30 nm
sample at 700 K, showing evidences of GB sliding and GB diffusion. (A) A step
forms during loading. (B) The step gradually diminishes during annealing. (C)
A groove forms due to vacancy diffusion along GB during loading. (D) The
groove diminishes during annealing. (Scale bar, 5 nm.)
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existence of two dislocation mechanisms in the process of strain
recovery. At the beginning of recovery, some initially nucleated
dislocations move backward through thermally assisted depin-
ning (15, 27), driven by internal residual stresses. Such a mech-
anism leads to rapid strain recovery, corresponding to the
portion with larger slope in each curve in Fig. 5A. As the
recovery process proceeds, dislocations originally located in GBs
can move or rearrange into lower energy configurations to
relieve internal strain energy. Most of dislocations are eventually
annihilated by climbing along GBs. This process depends
strongly on dislocation structures and vacancy concentration at
GBs, leading to the slow strain recovery in Fig. 5A.

For the quasi three-dimensional configuration, the plastic
strain rate and corresponding fractional strains due to GB sliding
and GB diffusion can be calculated from (19)

�̇gbs � �
i

���ui
� � �ui

�� �mi	Si

2V � t
�ni � mi � mi � ni� ,

�gbs � �
0

t

�̇gbsdt , [2]

�̇gbd � �
i

���ui
� � �ui

�� �ni	Si

V � t
ni � ni, �gbd � �

0

t

�̇gbddt ,

[3]

where �ui
� and �ui

� denote the displacements of the two sides
of the i-th GB during a time interval of �t; mi, ni and Si are,
respectively, the tangential, normal and area of the i-th GB. The
detailed calculation procedures are given in Methods. Fig. 5B
shows the time evolution of the recovered strain due to GB
mediated processes. At the initial stage, the recovered strain is

nearly proportional to time. As the recovery continues, GB
mediated processes are gradually weakened due to the reduction
of internal stress, which finally leads to the saturation of recov-
ered strain. By fitting the linear parts of the curves in Fig. 5B, we
obtain the recovered strain rate due to GB diffusion as a function
of grain size, as shown in Fig. 5C. At lower temperatures, the
exponent of the grain size dependence of GB diffusion induced
strain rate is close to �3, which is consistent with Coble creep.
However, significant deviation of this exponent is observed as
temperature rises, which is likely caused by bulk diffusion. The
high strain rate contributed by GB diffusion here is mainly due
to high local stresses (GPa-level) and high-angle GBs in the
sample. Notably, when comparing the results in Fig. 5 A and B
(also Fig. S4 A–D), we found that the fractional strains due to
dislocation activities, GB sliding, and GB diffusion are nearly
identical at 700 K, suggesting certain coupling between these
three mechanisms (28).

Fig. 5D shows the fractional strains recovered by GB and
dislocation mechanisms at different temperatures for samples
with grain sizes of d � 10, 20, and 30 nm. As the temperature
increases, the contribution from dislocation mechanism de-
creases, whereas those by GB-mediated processes increase. At
low temperatures, dislocation activities dominate plastic defor-
mation, while GB-mediated mechanisms make relatively small
contributions to the strain recovery. At high temperatures,
vacancy diffusion is activated and further promotes Lifshitz type
of GB sliding and dislocation annihilation. In this situation,
GB-mediated processes make more significant contributions to
the strain recovery, although dislocation activities can also assist
vacancy diffusion. It is found that GB-mediated processes con-
tribute more to plastic strain recovery in samples with smaller
grain sizes. This is consistent with our expectation that small
grain size facilitates GB-mediated mechanisms, and explains why
the total recovered strains increase with decreasing grain sizes.
We found that the sum of fractional stains from dislocation

Fig. 5. Contributions of GB- and dislocation-mediated deformation mechanisms to total plastic strain recovery. (A) Recovered strain due to dislocation
mechanisms as a function of time in the d � 10 nm sample. (B) Recovered strains due to GB sliding and GB diffusion as a function of time in the d � 10 nm sample.
(C) Grain size dependence of strain rate due to GB diffusion. The values of strain rate corresponding to grain size of d � 50 nm are estimated by a linear
extrapolation. (D) Fractional strains due to GB and dislocation processes at different grain sizes and temperatures.
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activities, GB sliding, and GB diffusion is slightly less than the
total measured stain, with a discrepancy of up to 0.2% strain at
high temperatures (see Fig. 5D). This difference may be attrib-
uted to other deformation mechanisms, e.g., bulk diffusion and
dynamic recrystallization. Aside from the grain size effect, the
sample size should also affect the plastic strain recovery to the
extent that there may be strong coupling between free surfaces
and GBs. The surface steps/grooves in Fig. 1 indicate strong
interactions between GBs and free surfaces. On the other hand,
we do not expect that the phenomenon of plastic strain recovery
would be qualitatively affected by the size of the sample, as
evidenced by experimentally reported plastic strain recovery in
both bulk nc Al (18) and nc Al thin films (15).

In MD simulations discussed above, the samples have been
prepared using randomly oriented Voronoi grains. Such a pro-
cedure may result in quite unrealistic GB character. To verify the
generality of our results, we have also performed MD simula-
tions with a more realistic sample that resembles a ‘‘real’’
scanning electron microscope image of a polycrystalline metal
with an average grain size of d � 20 nm. The details about the
procedure used to generate such a sample can be described in
Methods. Fig. S5 A–D shows the atomic configurations of the
sample after annealing under different temperatures. It is ob-
served that the strain recovery still occurs in the ‘‘real’’ sample.
A quantitative comparison of recovered strains induced by GB
and dislocation mechanisms in the ‘‘Voronoi’’ and ‘‘real’’ sam-
ples is shown in Fig. S6. The ‘‘real’’ sample exhibits slightly
smaller recovered strain than the ‘‘Voronoi’’ sample with the
same mean grain size of d � 20 nm, which may be attributed to
differences in the GB structures. The ‘‘Voronoi’’ GB structure is
expected to have higher energy than the ‘‘real’’ sample, hence
slightly stronger recovery. The basic phenomenon of plastic
strain recovery remains essentially similar for the two kinds of
samples.

In summary, we have performed massively parallel MD
simulations to investigate the atomic-scale deformation mecha-
nisms related to the plastic strain recovery in nc Al with different
grain sizes of d � 10, 20, and 30 nm. The simulations show that
the plastic strain recovery results from a combination of dislo-
cation activities and GB-mediated processes driven by residual
stresses in the sample due to nonuniform deformation in the
constituent grains. The contributions of dislocation activities and
GB-mediated processes to the overall recovered plastic strain are
quantitatively analyzed. At lower temperatures and larger grain
sizes, reverse glide, and annihilation of dislocations dominate the
plastic strain recovery. At higher temperatures and smaller grain
sizes, GB sliding, and GB diffusion tend to dominate. Although
GB-mediated mechanisms are expected to become less impor-
tant at higher strain rates, it is interesting that, even under strain
rates as high as those applied in MD simulations, GB-mediated
processes still play such an important role in the plastic strain
recovery. Although our study captures the essential roles and
relationships of different mechanisms in the plastic strain re-
covery, we note that the simulations are performed under much
higher strain rates than those accessible in laboratory. Never-
theless, the coupled mechanisms revealed in our study can
provide insightful guidance for modeling efforts at the contin-
uum level, whereby time and length scales comparable to
experiments can be achieved.

Methods
The simulations are performed on quasi three-dimensional columnar poly-
crystals with the column axis orientated in the � direction. Two kinds of
samples are constructed: one is the ‘‘Voronoi’’ sample, which is produced from
the usual Voronoi construction (1), and the other is the so-called ‘‘real’’
sample, which is prepared based on the microstructure of a real polycrystal.
The ‘‘Voronoi’’ sample contains randomly orientated grains with a random
distribution of GB misorientations, resulting in a majority of high-angle GBs
with highly disordered atomic structures. The ‘‘Voronoi’’ samples all have the
same grain configurations consisting of 28 columnar grains and 50 distinct
GBs, with grain sizes varying between 10 nm and 30 nm. Each sample has an
aspect ratio of 2:1. The maximal system size is 183.2 nm 
 91.6 nm 
 1.92 nm,
which amounts to a total of 2,250,000 atoms. The ‘‘real’’ sample is composed
of 21 grains, most of which have a size around 20 nm. The dimension of this
sample is 92.1 nm 
 73.4 nm 
 1.92 nm.

Before starting a simulation, we perform a relaxation of the simulated
system for 200 ps at RT. This ensures the system with high-energy GBs and
randomly oriented grains to reach an equilibrium configuration. In the sim-
ulations, we use the embedded-atom method potential (29) for Al to describe
the interatomic interactions. We impose periodic boundary condition in the
direction of sample thickness. According to the local crystalline order method
(20, 21), we paint gray for atoms in perfect fcc lattice, red for atoms in stacking
faults, green for atoms in GBs or dislocation cores, blue for atoms in the vicinity
of vacancies, and yellow for fully disordered atoms.

During a simulation, the sample is loaded along the direction of sample
length, which is denoted as the 1-axis, with the 2- and 3-axes along the
direction of sample width and thickness, respectively. To mimic the loading,
unloading, and annealing stages in the experiment (15), we initially impose a
constant tensile strain rate of 108/s to the constructed sample along the 1-axis
for a duration of 0.9 ns, and then unload at a strain rate of �4 
 107/s. During
unloading, we monitor the average normal stress along the loading direction
(�11) and stop unloading as soon as �11 approaches zero. Subsequently, the
two ends of the sample along the 1-axis are set free to allow relaxation
(annealing) at an elevated temperature, while the total potential energy of
the system is monitored. The process is terminated when the energy of the
system converges to the equilibrium value at a given temperature.

To achieve uniaxial tensile loading and unloading at a constant tempera-
ture, we use the stepwise loading technique (30) combined with a Nose-
Hoover thermostat (31, 32). In each loading step, we displace all atoms
according to a prescribed uniform strain of 0.05% along the loading direction
while fixing the atoms at two ends of the system, and then dynamically relax
the system at RT for 5 ps. In the same manner, the unloading process is
implemented with a strain increment of �0.02%. After loading and unload-
ing, the system is subjected to annealing at an elevated temperature, during
which the constrained atoms at both ends are set free. To improve the
efficiency and accuracy of calculations, we adopt a multiple-time-step algo-
rithm (33) in which a shorter integration time step of 1.0 fs and a longer time
step of 3.0 fs are used.

When calculating the fractional strains associated with GB sliding and
diffusion, we focus on the evolution and motion of every GB. Firstly, we record
positions of atoms located in the GBs at different times via a combination of
geometry and energy identifications. Subsequently, we split each GB into two
parts along their midlines based on the coordinates of atoms. Thus, we obtain
the displacement vectors of two parts in adjacent grains by subtraction
between different configurations at different times. Finally, we sum over each
GB and integrate over time using Eqs. 2 and 3. All macroscopic parameters are
calculated from the statistical average over all GBs. We include all GBs marked
in the initial configurations but exclude the influence of new GBs formed
during recrystallization at high temperatures.
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