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The shear modulus and logarithmic decrement at approximately 1 cis have been 
measured from - 180 °C to about 150 ° C for a series of samples of isotacLic polypropylen e 
prepared by vario Ll s thermal treatments. The samples had var ying den sities (degrees of 
crystallinity) and morpholog ies as characterized by spherulite size. All of the samples 
exh ibi ted the t hree relaxations characteristic of polypropylene. The maxima in t he three 
measures of relaxat ion (logarithmic decrement, GIf, and JIf ) occur at about - 60 °C, 0- 10 °e, 
and 50 to 100 °C for the three processes. However, the relation between crystallinity and 
t he magnitude of the peak valu e of the particular m easure of loss depends upon t he relaxation 
and the funotion used to m easure the loss. The loss is almost independent of density and 
morphology for all three relaxations when GIf is used to characterize the loss, whereas the 
loss increases monotonically as the density decreases when using JIf to characterize the loss 
behavior. The logarithmic decrement behaves in a more complicated mann er. The 
implication s of this behavior are discussed, and it is shown that the primary effect of changing 
dens ity is to change the equilibrium modulu s r a ther than t he relaxation processes . 

1 . Introduction 

Mechanical relaxation in am.orphous and crystal­
line polymers has been extensively studied because 
of its intrinsic and practical importance and because 
its correct intrepretation can elu cidate the natme of 
molecular motions in these systems. In amorphous 
polymers, a great deal of experimental and theOl'eti­
cal work has been carried out, and agreement 
between experiment and molecular theories of relaxa­
tion has been achieved. 

In crystalline polymers, the situation is much more 
complex. The complicated morphological nature of 
these polymers has permitted only qualitative 
interpretation of various relaxation processes in 
molecular terms [1, 2).1 Indeed, most of the in ter­
pretation has been in terms of an amorphous­
crystalline two-phase model of polymer morphology 
using the degl'ee of crystallinity (as determined by 
density 01' some other means) as the primary param­
eter for comparison of different samples. The effort 
has gone primarily into inferring the phase in which 
the relaxation process occms and the probable size 
and type of relaxing species. Such a model may be 
too restrictive for highly crystalline polymers such 
as linear polyethylene, where electron microscope [3] 
and heat of fusion [4] results indicate a very small 
amorphous component which can, in fact, be regarded 
primarily as in the crystalline phase imperfections 
such as chain folds [5]. 1\10reover, even on the 
basis of the two phase model, there is considerable 
disagreement as to the site of various relaxations in 
specific cases. Thus, for example, McCrum [6] 
deduces that the high temperature (see below) 
relaxation in polypropylena involves a "crystal dis­
ordering," while Flocke [7] attributes the same 
relaxation to a process occurring in the amorphous 

1 Figures in brackets indicate tb c literature references at the end of this paper. 

regions. Other evidence [8, 9], also indicates that 
the degree of crystallinity is not a sensitive enough 
criterion for comparing samples of varying thermal 
treatment, and that some of the relaxation processes 
are related to more subtle aspects of the morphology. 

In most of the work relating mechanical behavior 
to morphology, comparison of various samples has 
been made on the basis of tan 0 (the ratio of the 
imaginary part of the complex modulus to the real 
part) or some related quantity such as the logarith­
mic decrement (which in this paper we shall denote 
by the symbol Ll ) , primarily because most of the 
experiments have been carried out by tbe methods 
of forced or free oscillation in which the behavior 
of the specimen is governed by this quantity. How­
ever, it is well known that the maximum value of 
tan 0 against frequency (or, more commonly, tem­
perature) is not a good measme of the strength of 
th e relaxation 2 unless the change in Gf, the real 
part of the complex modulus, is very small compared 
to the static modulus, Ge. This is not the case in 
most polymer systems. The correct quantity to 
use would be the area under the G" peak in a Gff 
versus lnw plot, where w is the frequency. This 
type of data is not usually available, and the area 
under a G" - 1/ T curve at constant frequency 
(which would be equivalent if all the relaxation 
times had the same temperature dependence) is 
often very difficult to obtain because the peaks are 
unresolved. In some cases G" has been used as a 
measure of the relaxation strength when comparing 
samples of different crystallinity or morphology [10] . 
However, even in this case there is no a priori reason 
to use G" rather than J", the imaginary part of the 
complex compliance. When comparing samples in 
which the modulus changes, the two methods, as 
will be seen, may lead to quite different conclusions. 

, By "strengt ll of the relaxation" we m ean the difference between th e moduli 
at very high and ver y lo w frequencies , Le., G&:' -G~. 
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In order to clarify some of these points a study 
was made of mechanical relaxation in polypropylene. 
This is a good material for study in that it can be 
obtained in both atactic (i .e., noncrystallizable) and 
isotactic (crystallizable) forms. It is known from 
the work of Keith and Padden [11] that atactic 
polypropylene mixed with isotactic is excluded from 
t he crystalline phase when the isotactic component 
crystallizes. Hence, a density defect (density lower 
than the crystal density) in such a mixed system 
may be fairly unambiguously identified with the 
presence of a true amorphous phase. A thorough 
study of mechanical relaxation in such a system 
has already been carried out by Flocke [7]. Our 
own aims were threefold. These were : (a) to com­
pare the behavior of a quenched isotactic specimen 
with that of a mixed isotactic-atactic specimen of 
t he same density ; (b) to compare the behavior of a 
sample which had been quenched and subsequently 
annealed to a given density, with that of one in 
which the same density had been achieved by 
isothermal crystallization (it is well known that such 
treatments produce widely different morphologies) ; 
(c) to compare the various viscoelastic functions for 
these samples. 

2. Experimental Details 

2.1. Appa ratus and Method 

All the measurements reported here were taken 
using a torsion pendulum based on the design of 
Nielsen [12]. In this type of torsion pendulum the 
inertial member is supported by a fine wire of 
negligible elastance and is counterbalanced so that 
the sample is under no longitudinal stress. The 
inertial member was designed so that the frequency 
would be 1 cis for a sample with a shear modulus of 
109 N 1m 2 and the chosm dimensions (see below). 

The primary quantities measured in such an ap­
paratus are the period of the oscillation and the rate 
-of decay of the vibra tion amplitude. In some of the 
experiments the amplitude decay and the frequency 
were measured by a galvanometer lamp and scale 
arrangement. In a later development a strain gage 
was added to the system to provide an electrical 
signal proportional to displacement. This signal 
was then recorded on a recording oscillograph. 
There was no discernible difference in the results 
obtained by the two methods. 

In both m ethods of operation the period was de­
termined by timing the swings, either by a stop 
watch in the first case, or by timing-markers on the 
recorder chart in the second. The logarithmic 
decrement, il , in both cases was determined by 
plotting the logarithm of the amplitude against the 
number of the swing and determining the slope of 
the resulting line. In practically all cases good 
straight lines were obtained. 

The real par t of the complex modulus, G' , was 
de termined from the frequency, the known moment 
·of inertia of the inertial member of the pendulum, 
.. and the sample dimensions (see "Sample Pre-

paration" below). The approximate equation 

G,~w21 
- lc 

where w is the angular frequency, I the moment 
o~ iner~ia and lc a form factor depending on sample 
dimenslOns [12], was used. The maximum error 
this approximation produced was about 1 percent . 
From. G' and il, G" and J" wr'"e calculated by the 
equatIOns 

G,, = G'/1 (1) 
7r 

and 

J" 
Gil 

(2) (G' )2+ (O")2 

2.2. Material and Sample Preparation 

The material was an experimental sample of 
isotactic polypropylene kindly provided by the 
AviSun Corp~ration. This had a viscosity average 
molecular weIght of 207 ,700 and contained 2.56 
percent material extractable by C7 hydrocarbon 
fraction. It contained 0.02 percent of stabilizer. 
T~e saITolples ~vere in the form of flat strips, with 

nommal dImenSIOns 10X 2 X O.125 cm. This rather 
long flat shape was chosen to permit easy quenchino­
of the specimens. The latter were prepared in th~ 
following manner. Flat sheets about 15 X 15 cm 
and of the proper thickness were prepared by com­
pression molding. From these a specimen about 
12 cm long and 2 cm wide was cut. This was then 
mounted between two aluminum strips of the proper 
dimensions and the sandwich tightly wrapped in 
aluminum foil. This wrapped sandwich was then 
mounted between two 0.8 mm thick sheets of phos­
phor-bronze held together by slight spring tension . 
The whole assembly was heated to 200°C for a few 
minutes either in a silicone oil bath or an oven, 
and then either quenched in dry-ice acetone or 
iso thermally crystallized. This arrangement was 
chosen over a conventional mold to reduce the mass 
and provide fast quenching. From the resulting 
strip the final specimen was shaped by machining. 
The variation in width was negligible. The thick­
ness was measured at several places along the sample 
and the resulti" averaged. The maximum variation 
in thickness over the sample was about 5 percen t. 
Since the thickness enters the form factor for cal­
culating G' as the cube, an average of the cube of 
the thiclmess was used . 

The primary means of comparison of the state of 
various specimens was the degree of crystallinity , 
x, as determined by density. This was determined 
by hydrostatic weighing and converted to crystallinity 
by the crystallinity-density scale of Danusso and 
Maraglio [13] . Because of effects such as static 
charge on the specimen which affected the weighing, 
X has an estimated standard error of about ± 1 
percent. 
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As mentioned in the in troduction, one of the aims 
of this work was to compare samples of the same x, 
but achieved in differen t ways, i.e., by the quench­
anneal tecbniq ue and iso therm al crys talliza tio n. 
The quench-ann eal experiments were carried ou t on 
one specimen which bad b een quen ched by the proce­
dure ou tlined above. After measurem en L in the 
torsion pendulum , this specim en was ann ealed for a 
certain time, remeasured, etc. The bistory of Lhis 
sample is reported in table 1. Duri ng the I'll n in 
the torsion pendu" m tbe specimens of course 
crystallized so mew b,tt, particularly at the 10lver 
crystallinities. This limited the temperature r ange 
of the experimen ts for the lower crystalliniLy samples. 
Furthermore, t he curves for the lower crystallini ty 
samples are once-through curves. The change in X 
during the measurements on the torsion-pendulum 
is also reported. 

TARLE 1. 'I'hennal 11'ea/menl and crystalli nity of sam ples 

Sample I 
No. 

x (I~ 
T reatment 

Before run .\ fLc r rUIl 

---'-----------i----!----
1 
lA 
1£ 
l C 
ID 
2 

(~uen c l' ccl .....•.•.•.•....•........... 
'io. 1+ 1 hr at 70 °C ..••.•.•••.•.•..... 
Ko. I A+ I hr a t 90 ° C ••...•.•......... 
"\0. 11l + 4 hr at 135 °C .•......••..•... 
No . IC+4 hr at 150 °C ......•....•.... 
isothcrJllal; 40 hr at 135 °C •...•.•..... 

44 
5U.3 
55.2 
64.4 
70.3 
68.5 

47 
51.1 

I 
56. 2 

::::: ~~ : ~: :::: 

One other sample was crystallized isotherlllally. 
It is also reported in the table. Tn additio n to these, 
other specimens were used to check and amplify the 
results. They ""ill be mentio ned in the text. 

X-ray diffraction studies 3 were carried out on 
specimens 1, 10, and 2, and flat film transmission 
patterns are shown in figure 1. Specimen No. 1 
contained a small amount of polypropylene in the 
hexagonal crystal form [14], which disappeared on 
annealing. Although not apparent from the photo­
graphs shown in figme 1, specimens 1 and 2 showed a. 
small amoun t of preferred orientation, determined 
by more precise diffractometer measuremen ts. This 
was probably caused by multiple nucleation at the 
walls of th e quenching apparatus, a lld is not expected 
to aJfect the results significan tly. 

The gross morphology of specimens 1, H', and 2 
was obseryed by studying thin sectio ns of these 
specimells under the polarizing microscope, and 
photomicrographs are shown in figure 2. The re­
sults are as expected; specimens 1 and 1 C show a 
highly irregular, granular morphology, with some 
indication of spheruli tes, albeit ill-formed and ir­
regular. Specimen 2 shows typical well-fOJ'lDdd 
spheruli tes of mixed positive and n 3gative character 
[15]. 

3. Results and Discussion 

As mentioned in the in troduction, Ll is not a good 
q UfW tity to use to determine the strength of a relaxa­
tion , nor the average relaxation time of the process. 
N eYel'theless, we shall delay discussion of G" MlcL 

J ", which are more direc tly r elated to the relaxa­
tio n parameters , and discuss the reiflx<1,tio ns in terms 
of Ll. This will be more nearly comparable to llluch 
of the discussion in the literature, and mftke com­
parison with it easier . 

3 \\·0 are high ly indebted to Mr. ~\lorJllan 1Vr. \"'Hller of tile Aili cric3n Viscose 
Corporat ion [or carryin g out these studies for LI S. 

Ie 2 

FIG URE 1. X -ray di.Uraction patterns oj samples 1, 1 C, and 2 in table 1. 
]'vf orc precise di fr ractomctcr measurements show a small amount of preferred orientation in sam ples 1 and 2. 
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Ie 2 

F1GURE 2. Optical micrographs undel' crossed polaroids of thin sections of samples 1, l C, and 2 in table 1. 
The magniilcation is 290 X in each case. Note the \\'ell formed spherul ites in sample 2. 
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QUENCHED 0 44"/0 - 47 % 
+ IHR , ?oOe • 50.3 -51 I 

+ IHR , 90°C 0 552-56.2 

64 4 - 65.8 

6 

10~ 7~0~~~~~~~--~--~--~+~10--~+~40~-+~7LJ--_+~10-0--+~'30 
TEMPERA TURE,"C 

FIGURE 3. The Teal PaTt of the complex modulus as a function 
of temperatuTe fOT five of the specimens listed in table 2: 
1-0, lA- e , lB- D, l C- ." 2- 6. 

'T'he num bers denote degrees of crystallinity before and after t he run . 

The results fOl" Gf and bo are shown in figures 3 and 
4 for samples 1, lA, 1B, 1C, and 2. Sample 1D is 
omitted for clarity but is reported in table 2 (see 
below). Sample No.1 was measured only to 53°C, 
but the data for bo were later extended and checked 
by similar samples whosa dimensions, unfortunately, 
were no t uniform enough to permit unambiguous 
calculation of Gf. 

The bo versus T curve shows the three peaks 
indicating three relaxation processes characteristic 
of other crystalline polymers. (The lowest tempera­
ture peak is small and very broad, appearing almost 
as a shoulder on the low temperature side of the 
intermediate temperature peak.) These relaxations 

QUENCHEO 0 44% - 47% 

+ I HR, 70·e • 50.3 - 51.1 

+ I HR, 90·C 0 55.2 - 562 

+4HR,13S"C Q 64.4 - 656 

ISOTHERMAL A 

0.3 
z 

~ 
o 

~02 

01 

-~OlO--~~-~"0~~::-'0:O::~=-:50~::--0L-----+~50~----"OLO----~~ 15 0 
TEMPERATURE,"C 

FIG URE 4. The logarithmic decrement as a function of temper­
atlire for the same specimens shown in figure 3. 

Note the behavior \\'ith crystallin ity of the high temperature relaxation . 

have been referred to in almost as many ways as 
there are authors in the field. Indeed, they have 
been called transitions, although they are not neces­
sarily related to true thermodynamic transitions, 
except in some cases. We prefer to use the term 
"relaxation" for these peaks, and adopt the nomen­
clature of Scott et a1. [9] for them. Thus, the low 
temperature peak we call the "low-temperature 
relaxation" (LTR) , the medium temperature peak 
we call the "glass transition relaxation" (GTR) since 
it occurs near the dilatometric glass transition tem­
perature, and the high temperature peak we call 
simply the "high-temperature relaxation" (HTR). 

3.1 . Low Temperature Relaxation 

This is a very broad relaxation with a maximum in 
bo ( bomax) occurring at approximately - 60°C. It 
has been previously observed by other workers [6, 
7, 16, 17]. The pert inent information for this and 
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T ABLE 2. Experimental paramete1's jor the three relaxations observed 

LTR lITB 11TH 

Salll pic I '1~rn nx ~mllx I 0' 'l'm ll.lC 
A,,,", --~-l--v -- ~::""" I Llrn ax U' G"IIl IlX ']'rnaxl> 

No. 
------- ----------

°C newtonlm2 cis °C newlonj m2 cis ° C newton/m 2 cis newlon/m 2 
L __ __ ___ -60 0.057 1. 42X I O' 1. 070 J ~ 0.004 0.52X IO' 0.650 50 0.355 0.383 ---- --- --lA _____ _ -60 .055 L 52 1.111 11 .292 .55 
HI. __ ___ - 55 .052 I. 80 1.104 9 . 254 .76 
10 ____ __ - 50 .045 1. 80 1. 204 7.5 .200 .85 ID _____ _ - 50 .043 2.05 I. 36 4 . :!12 I. 14 
'2 ____ ____ -50 .043 2. 04 0.888 4 .200 1.12 

:l 'rhe temperature of the lllaxilll Ul1l in il. 
b ~rhe temperatu re of t lie llIaXilll lllll in U f '. 

the other relaxations are given in table 2. The 
curves for the real part of the shear modulus (fig. 3) 
do not show any inflection point within the tempera­
ture ra nge of this relaxation. H owever , it will be 
noticed that, with the exception of setmple ID , L1m ax 
decreases and G' increases as the density in creases. 
This is even more evident in the deLta of Flocke [7], 
where t he differen t densities were 0 btained by differ­
ing polymerization procedures and hence refer to 
samples of varyiug t<Lcticity, and he was the refore 
able to study samples of lower density. 'Wh ere 
compariso n is possible the present data agree with 
those of Flocke to within about 10 percent. 

The difference in density between samples ID and 
2 is just outside experimental enol'. The slightly 
higher values of L1m ax than would be expected for 
sample ID from the behttvior of the other samples 
indicates that so me imperfections in the crystal for 
the quench-annetLled samples may be the cause of a 
small amount of rehxation. The same difference 
occurs in tbe GTR. 

Now. as mentioned in the introduction , i t is well 
known from the work of Keith and Padden [11 , 18] 
that atactic polymer in the presence of isotactic 
polymer is excluded from the crystalline phase when 
the isotactic component crystallizes. This atactic 
component segregates at interspherulitic boundaries, 
between lamellae or fibrils , etc. , and exists as a true 
amorphous phase coexisting with the crystalline 
phase. Thus, reasoning from the behavior of 
L1m ax with crystallinity one would conclude, at least 
from the data of Flocke, that whatever process is 
responsible for the LTR, it is occurring in the 
amorphous phase, since L1m ax decreased with in­
creasing crystallinity. And, to the extent that 
mechanical behavior as exemplified by L1 can be 
used to infer the thermodynamic state of a polymer, 
one would conclude that the quenched isotactic 
polymer is in the same state as the mixed atactic­
isotactic polymer. This would be a fairly good 
reason for adopting a two-phase model for the fine 
morphological structure of a quenched polymer. 

Moreover, the behavior of L1 in the LTl{ region is 
almost independent of the grosser details of the 
morphology. The behavior of specimen 2 is essen­
tially what would be predicted from the behavior of 
the various specimens l. This behavior would 
follow from the mechanisms proposed to explain the 

.665 72 .373 O.I04 X IO' .294 ------ ----

.785 74 .369 .124 .323 0.25 XJO' 47 

.820 90 . 426 . 100 . '275 .25 57 
1. 020 108 . 468 . J06 .312 .28 66 
0.671 105 .240 .170 . '258 .20 57 

LTR in other polymers [1 , 2, 8]. The relaxillg uni t 
is presumably small, consisting of only a fe lY chain 
segments, and involves no motion of m ore complex 
morphological units. 

3.2. Glass-Temperature Relaxation 

The GTR is t ile next tbat occ urs on the temper­
ature scale. Again with the slight exception of the 
L1m ax value for sample ID, tIl e magni t ude L1m ax 
decreases a nd G' increases as density increases ill a ll 
cases, independently of how the density is ttchieved. 
Again these data are in agree men t with those of 
Flocke, twd the same remttrks tllat h ave been mad e 
for the JJl'R apply also to t his rehLxtttion. 

There is an easily discernible difference in the 
temperature of the 1ll axim un in L1 . it is un­
fortunately difficult to discuss this in q uan ti tative 
terms since "mixing" of this peak with that du e to 
the HTR undoubtedly raises the temperature of the 
GTR maximum somewhat. (See, however , the 
Gil - T curves in figure 6. The same temperature 
difference exists for t he maximum in the Gil - T 
curv e, with much less mixing of peaks. ) Writhout 
data at differen t frequencies these two peaks are 
diflicult to separate. However, the behavior persists 
even with samples Ie, ID, and 2 where mixing is 
less likely to infiuence the temperatmes of the 
maximum and it is tempting to ascribe this variation 
to a more fundamental cause. It is known that t be 
glass transition temperature in isotactic poly­
prupylene is somewhat higher than in atactic poly­
propylene [19 , 20] . The present sample of polypro­
pylene contains 2.5 percent extractable material 
which is presumably all atactic, and may contain 
more atactic either as high molecular wei ght atactic 
chains 01' (as is more likely) atactic sequences in the 
main chains which would m ake the main chain a 
stereoblock copolymer. If this is true, and, as 
discussed above, atactic seq uences are excluded 
from crystalli tes, then as the degree of crystallinity 
is increased the composition of the resulting amor­
phous component is changed, becoming richer in 
atactic material, and the glass-transition temperature 
falls . Since this relaxation is associated with the 
glass transition, the temperature of the maximum in 
L1 also falls. 
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This may be put into somewhat more quantitative 
terms. We assume that the whole polymer contains 
a fraction 1 of atactic material and (1-1) of isotactic 
material, with glass transition temperatures T~ and 
Tf respectively. The glass transition is a property 
only of the amorphous polymer, and for a mixture 
of atactic and isotactic components can be related 
for our purposes to the glass transition temperature 
of the pure atactic and pure isotactic components 
by the equation [21] 

(3) 

where 'P is the fraction of atactic polymer in the 
amorphous component. IVith these assumptions it 
is easy to show that 

(4) 

where X is the degree of crystallinity. It is now 
reasonable to expect that T max , the temperature of 
the maximum in t:. , is displaced by the same amount 
from the dilatometric T g for each of the pure com­
ponents and for the mixture, provided the frequency 
of measurement is the same, as is very nearly true 
in these experiments. Figure 5 shows a plot of the 
observed Tm ax against (l_X) - l , and it will be seen 
that the fit is surprisingly good. Extrapolating the 
curve to the (physically impossible) value of 
(l -x) - l= O gives a value of 21 °C for T~ for this 
frequency. If we accept the value of 2 °C for 
T~ from the 16.1 percent isotactic sample (measured 
at 2.0 cis) of Flocke, then we calculate the not 
unreasonable value of 0.27 for j. Although the 
agreement is almost certainly fortuitous, this is in 
striking agreement with the value of 0.25 for the 
same quantity deduced by Wyckoff [22] from x-ray 
determinations on a similar polymer. 

Further elaboration of this point would be in­
appropriate, considering the drastic natw'e of the 
approximations. However, the reasonable I' alue of 

25,--------,-1-------,-1 -------,-1 -------, 

O ~--_____ L_I _______ L_l _______ ~I ______ ~ 
023 4 

(1- X)- I 

FIGURE 5. A plot of the temperature of the maximum in 6 in 
the glass temperature relaxation against (1 - X)- l (see 
text) . 

the quantities calculated indicate that some validity 
may be attached to this interpretation of the 
dependence of Tmax on x. 

3.3. High-Temperature Relaxation 

This is the most complex of the relaxations. It is 
quite evident from the t:.-T cunTes that the behavior 
is quite intimately associated with the method of 
sample preparation. Arguing from the curves for 
specimen 1, one would be tempted to ascribe the 
source of this relaxation to some process occurring 
within the crystal , for the magnitude of t:.max in­
creases with sample crystallinity, and the temperature 
of the maximum also rises. This, however, cannot 
be the case, for specimen 2, which is more highly 
crystalline than any of the No. 1 specimens shown 
on the figure, has a lower peak than any of the latter. 
Indeed, specimen 1D, which had a X of 0.70 shows a 
value of 0.468 for t:.m ax whereas specimen 2 with 
essentially the same X has a value of 0.24 for t:.max • 

This strong dependence on the gross morphology is 
unquestionably the basis of the conflicting inter­
pretations found in the literature about the source 
of this process. Thus McCrum [6] ascribed this 
relaxation to "crystal disordering," Flocke [7] to a 
process in the amorphous regions, and Scott et al., 
ascribed the analogous relaxation in poly (chloro­
trifluoroethylene) to " lamellar surfaces or inter­
lamellar interactions." Weare inclined to consider 
the last interpretation as being the most nearly 
correct. 

The behayior of G' requires little comment. It is 
worthwhile to point out, however, that G' is higher 
throughout the whole temperature range for the 
higher crystallinity samples. 

3.4. Behavior of Other Viscoelastic Functions 

The various relaxation processes have been dis­
cussed with respect to the behavior of the logarithmic 
decrement, although the relationship of this quantity 
to the fundamental parameters of t he relaxation is 
not very direct . That is to say, t:.max may change 
not only because of a change in t:.G(G", - Ge), but 
also because of a change in Ge alone. The morp 
appropriate quantities for discussing the relaxation 
behavior are either Gil or JII both of which have a 
direct relation to the relaxation strength. 

However, in the case of a material such as a 
crystalline polymer, even the behavior of Gil and JII 
is not sufficient to describe the situation completely. 
This is because such polymers are in a sense compos­
ite materials, consisting, on scale almost observable 
by optical microscopy, of a high modulus crystalline 
phase and some less well defined regions of lower 
modulus. In a polymer such as isotactic polypro­
pylene there is evidence, as we have seen, for what 
amounts to a true amorphous phase. In a polymer 
such as polyethylene, which is much more highly 
crystalline, there exists a low modulus region con­
sisting probably of some tie-molecules and certainly of 
juxtaposed chain-fold planes between lamellae. We 
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shall call these different modulus regions "phases," 
without meaning to imply that they both are true 
thermodynamic phases. In either case the evidence 
is that such materials are composites on a fai:rly 
gross scale. 

N ow, before mechanical relaxation can be ob­
served, the applied stress, or strain, must be coupled 
to the relaxing species. And it will be clear that if 
the relaxing species exists primarily in one of the 
phases, then the connectivity between the phases is 
of paramount importance in deterrnining the extent 
of relaxation. This problem of connectivity has al­
ready been discussed by Sasaguri and Stein [23] with 
reference to the optical behavior, and by Takayanagi 
[10] with respect to mechanical behavior of spher­
ulites under deformation. The latter author has de­
veloped a phenomenological model which accounts 
for the behavior of filled polymer systems and mix­
tures of two polymers. Unfortunately, its applica­
tion to the problem of relaxations in crystalline 
polymers presupposes a knowledge of the viscoelastic 
properties of the two phases over the whole range of 
temperatures, and this is usually not known. 

In the absence of a detailed knowledge of the visco­
elastic properties of the two phases, or of the details 
of the con nectivity (which in principle could make 
their properties calculable from t he properties of the 
composite if one could sol \ r e the formidable me­
chanical problem), we have chosen to compare the 
different samples studied at equivalent macroscopic 
strains and stresses. At a macroscopic sinusoidal 
strain fO sin wt, t he energy lost per cycle per unit 
yolume is gi \"en by 

(5) 

At a n1acroscopic sinusoidal stress of 170 sin wi, the 
energy lost per cycle per unit \"olume is gi \ren by 

(6) 

Hence the correct q uan tities for comparing the loss 
at equivalent macroscopic strains and equivalent 
macroscopic stresses are Gil and J" respectively. 
Plots of t hese qmwtities against temperature are 
shown in figures 6 and 7. 

The differences between the Ll and Gil cUr\Tes are 
striking; t hose between the Ll and J" curves are not 
as great. The only distinct relaxation in the G" 
curves is the GTR, the LTR and HTR appearing 
only as shoulders on this. Moreover, the order of 
the samples htts been reversed in the GTR. Samples 
Nos. 2 tlnd 1 D (not shown) now have the highest 
value of G" at the peak, with very little difference 
between the other No . 1 samples. 

As shown in table 2, the differences in G:~ax in 
the HTR are \eery much sm,tller t itan t he differences 
in Llmax , ftnd above 125°C, Gil for sample No . 2 is 
higher than Jor any of the No. 1 samples. This 
again is to be co ntrasted with the belHlNior of Ll. 
1i[oreover, in the HTR the tempentture at which t lle 
maximum in G" occurs is from 27 to 48°C lower 
than the temperature at which the maximum in Ll 
occurs (table 2). This is due to t ile fact t lUlt G;:'ax 
and Llmax are different fun ctions of the relaxation 

times and the relaxing moduli, and Llmax is also a 
function of the equilibrium modulus. These quan­
tities change by varying and unknown amounts as 
the crystallinity and morphology change. 
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FIG URE 6. The loss modulus of foul' 0/ the samples in figure -4 
as a function of tempemtw·e. 

'rhe sym bois are the saine as in fi gure 4. ~ote the reversal in the behav ior \\~it"h 
cr ystallinity bot h in th e glass temperature relaxation and ill the high te lll pera­
ture re laxation as corn pared with fi gure 4. 
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FIG U RE 7 . The imaginary pm·t oj the com plex compliance as a 
junction oJ tempemtul'e jar the same four samples as in 
figw'e 6 . 

Figures 4,6 , and 7 indicate t hat for th is lnateria l analysis oftheefIect of mor­
phology upon the various relaxation processes depends upon the viscoelastic 
fun ction choson to characterize the relaxatioll . 
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The LTR is less complex, and to the precision of 
the data in this region these samples must be con­
sidered the same. In essence, the Gil curves have 
minimized the differences in the samples demon­
strated by ~, and, in fact , inverted the behavior. 

The J" curves, on the other hand, magnify the 
differences among the curves as compared to the 
~ plot. 

From these sets of curves, and bearing in mind 
that the samples in question had different degrees 
of crystallinity, one would be led to quite conflicting 
conclusions. Reasoning from the JII curves one 
would conclude that the LTR, GTR, and HTR are 
all processes which occur in amorphous regions since 
all three processes are more prominent in the least 
crystalline specimens. Reasoning from the ~ curves 
one would conclude, as previously discussed , that 
the LTR and GTR are properties of an amorphous 
phase, while the HTR is a complex process depending 
very strongly on the morphology. Reasoning from 
the Gil curves, however, one would conclude that 
the differences among the samples are small, and 
what differences do exist are such that more relaxa­
tion is taking place in the more crystalline specimens 
and that hence the site of the relaxation process is 
in the crystal. 

Such conflicting conclusions show the degree of 
caution which must be exercised when using any 
one mechanical experiment to deduce something 
about the nature of the relaxation processes in 
crystalline polymers. Not only must anyone vis­
coelastic function be measured but the others must 
be computed from it and their behavior taken into 
consideration. To go beyond this one would need 
a molecular or phenomenological model on the basis 
of which the behavior of the viscoelastic functions 
could be calculated. With present Imowledge of the 
details of the morphology of crystalline polymers 
this would be a formidable task. 

It is relatively easy to show what conditions are 
necessary to have G' change and Gil not change over 
the whole temperature (and hence frequency) range 
as the degree of crystallinity is changed. This is 
appro}"":imately the behavior shown by the curves 
in figure 6. From linear viscoelasticity we have 

(7) 

and 

(8) 

where Ge is the equilibrium (low frequency) modulus, 
the T i are the relaxation times with associated 
relaxation moduli Gi , and w is the frequency. For 
the purposes of this analysis we assume (as is ap­
proximately true) that the temperature dependence 
of G' and Gil comes only from the temperature 
dependence of the T i. Since wand T appear sym­
metrically in these equations, G' and Gil are the 
same functions of w as they are of T. Hence 
asking that a change in crystallinity produce no 

change in Gil over the whole temperature range at 
constant frequency is equivalent to asking that no 
change be produced over the whole frequency range 
at constant temperature. 

N ow, we expect G" the Gi , and the T i all to be 
functions of the degree of crystallinity, x. Hence 
we have 

The vanishing of dG" /dx at all frequencies (and hence 
at all temperatmes) implies that both dGJdx and 
dT ;/dx are zero. If this is the case, then the only 
variation in G' comes about from the variation in Ge 
with crystallinity. This would imply that the G' 
curves for the various crystallinities are parallel to 
one another when plotted on a linear scale. A plot 
of the data shown in figure 3 shows that this is indeed 
approximately the case, at least below the GTR, 
where the Gil curves are very similar. Above this 
temperature the curves approach one another more 
closely, a reflection, no doubt, of the real differences 
that exist in the Gil curves in the HTR region. 

These results imply that the main effect of chang­
ing X is to change the static modulus, G" and that the 
differences observed in the ~ - T and J" - T curves for 
different X are primarily, although not entirely, due 
to the variation of this quantity. This seems to be 
the case below and through the GTR, but above this 
temperature, both Gi and T i may change with x. 
This behavior is understandable on the two­
phase crystalline-amorphous concept of polymer 
morphology. 

3.5. Conclusions 

Three relaxation processes are observed for iso­
tactic polypropylene in plots of G", ~ , or J" against 
T: one below the temperature at which the dilato­
metric glass transition is ohserved (the LTR), one 
near the dilatometric glass transition temperature 
(the GTR), and one above this temperature (the 
HTR). 

Changing the crystallinity and morphology by 
annealing quenched specimens on the one hand, or 
preparing isothermally crystallized specimens on the 
other hand, has only a small effect on the behavior of 
G" with temperature. 

On the other hand, J" for the less crystalline 
specimens is higher at all temperatures than for the 
more crystalline specimens, quite independently of 
the morphology. The behavior of Ll is more compli­
cated, the LTR and GTR decreasing with crystal­
linity, while the HTR may increase or decrease. It 
is concluded that when comparison of different 
samples is made, completely different results will be 
obtained if comparison is made at equi\Talent macro­
scopic strains (Gil ) or equivalent macroscopic 
stresses (J"). This is presumably due to the un-
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known microscopic co nnectIvIty of t he composite 
~naterial which is the crystalline polymer. I t is 
mcorrect , therefore, to say that changing t he degree 
of crystallinity incr eases or decreases t be lllagniLude 
of a given relaxation process; whether it does or does 
not depends primarily upon the mode of co mparison. 
It is shown from these results t hat t he primary effect 
of changing the degree of crystalliniLy is to change 
the static modulus, Ge• • 
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